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Halide double perovskites have gained significant attention, owing to their 
composition of low-toxicity elements, stability in air, and recent demonstrations 
of long charge-carrier lifetimes that can exceed 1 µs. In particular, Cs2AgBiBr6 is 
the subject of many investigations in photovoltaic devices. However, the efficien-
cies of solar cells based on this double perovskite are still far from the theoretical 
efficiency limit of the material. Here, the role of grain size on the optoelectronic 
properties of Cs2AgBiBr6 thin films is investigated. It is shown through cathodo-
luminescence measurements that grain boundaries are the dominant nonradia-
tive recombination sites. It also demonstrates through field-effect transistor and 
temperature-dependent transient current measurements that grain boundaries 
act as the main channels for ion transport. Interestingly, a positive correlation 
between carrier mobility and temperature is found, which resembles the hopping 
mechanism often seen in organic semiconductors. These findings explain the 
discrepancy between the long diffusion lengths >1 µm found in Cs2AgBiBr6 single 
crystals versus the limited performance achieved in their thin film counterparts. 
This work shows that mitigating the impact of grain boundaries will be critical for 
these double perovskite thin films to reach the performance achievable based on 
their intrinsic single-crystal properties.
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perovskites have the general formula 
A2B(I)B(III)X6, in which A is a monova-
lent cation (e.g., Cs+), B(I) and B(III) are 
monovalent and trivalent metal cations, 
respectively, and X is a halide anion (e.g., 
I−, Br−, or Cl−).[1,6,7] Thus, double perov-
skites substitute the toxic Pb2+ cation 
with two low-toxicity metal cations (e.g., 
Ag+ and Bi3+) without compromising the 
3D symmetric perovskite crystal struc-
ture. Long charge-carrier lifetimes in 
the microsecond range and improved 
environmental stability over lead-halide 
perovskites have been reported for halide 
double perovskite compounds.[8,9] These 
promising properties have led to exten-
sive efforts to develop these materials for 
a wide range of applications, particularly 
in photovoltaics, radiation detectors, and 
photocatalysts.[10–12]
However, the best reported power con-
version efficiency (PCE) for a planar solar 
cell device based on any halide double 
perovskite thin film is only 2.84%.[10] This 
result was achieved with a Cs2AgBiBr6 thin film absorber, which 
is the halide double perovskite that has been investigated the 
most for photovoltaic applications.[8,13–16] But even considering 
its large and indirect bandgap of 2.25 eV, the current efficiency 
record is still three times lower than the spectroscopic limited 
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1. Introduction
Inspired by the tremendous success of the lead-halide perov-
skites, there has been a resurgence of interest in halide elpaso-
lites, or double perovskites, over the past five years.[1–5] Double 
© 2021 The Authors. Advanced Functional Materials published by Wiley-
VCH GmbH. This is an open access article under the terms of the Creative 
Commons Attribution License, which permits use, distribution and repro-
duction in any medium, provided the original work is properly cited.
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maximum efficiency calculated based on its absorption spec-
trum.[1] The limited performance, especially the low short-circuit 
current density, implies a significant impact of defect states, 
which reduce carrier transport lengths.[10,17–19]
For single crystals, trap densities of 1016–1017 cm−3 have 
been reported, and these defects have been attributed to bro-
mide vacancies formed due to surface bromine degassing.[19] 
Despite the high trap densities, charge-carrier lifetimes exceed 
600 ns owing to the shallow nature of the majority of traps.[4,13] 
Furthermore, in single crystals, mobilities of 11.8 cm2 V−1 s−1 
(from space charge-limited current density measurements)[11] 
and diffusion lengths exceeding 1 µm (from stroboscopic scat-
tering microscopy)[20] have been reported, despite trap-limited 
transport.
Despite these long diffusion lengths in single crystals, carrier 
transport in the thin films used in photovoltaic devices is sig-
nificantly lower, with electron diffusion lengths of only 30 nm 
and mobilities <1  cm2 V−1 s−1.[19] The discrepancy between the 
30  nm carrier diffusion length in thin films and the microm-
eter diffusion length in single crystals is often attributed to fast 
recombination in surface states due to the accumulation of 
defects on the surface.[13] It is also suggested that the forma-
tion of twin boundaries in single crystals can reduce the charge-
carrier lifetime.[15] However, despite their likely importance, an 
effect that has not been directly accounted for is the impact of 
grain boundaries on the optoelectronic properties of Cs2Ag-
BiBr6. Establishing how charge-carriers and ions interact with 
grain boundaries is essential for understanding the discrep-
ancies between the transport properties of polycrystalline thin 
films and single crystals, and how the performance of double 
perovskite thin films could be improved.
Grain boundaries break the periodicity of single crystals and, 
with few exceptions, lead to an accumulation of dislocations, 
vacancies and dangling bonds, as well as other structural and 
point defects, giving rise to defect states in the band gap.[21,22] 
These localized sub-bandgap states can enhance the nonra-
diative recombination of photogenerated carriers, and there-
fore reduce photovoltaic performance.[23] On the other hand, 
in some cases, the built-in electric field induced by the grain 
boundary can result in more efficient charge collection.[24,25] 
Various spatially resolved techniques, such as scanning probe 
microscopy (Kelvin probe force microscopy, scanning capaci-
tance microscopy, conductive-probe atomic force microscopy), 
laser-beam-induced current microscopy, and cathodolumi-
nescence (CL), have been used to compare the band bending, 
charge collection and recombination at the boundaries versus 
interiors of grains in polycrystalline solar cells.[22,26,27]
In this work, we investigate the role of grain boundary den-
sity by synthesizing and characterizing Cs2AgBiBr6 thin films 
with three different grain sizes. Through transient absorption 
spectroscopy (TAS), we measured how the grain boundary den-
sity affects charge-carrier lifetimes. We used CL mapping to 
compare the nonradiative recombination rate at grain bound-
aries versus in the bulk of the grains. To understand the role 
of grain boundaries on carrier transport, we developed thin 
film transistors (TFTs) using Cs2AgBiBr6 in the active channel 
and measured the temperature dependence of the field-effect 
mobility. This also represents the first report of the field-effect 
transistor (FET) performance in this material, and one of the 
handful reports of p-type field-effect behavior among halide 
perovskites, especially in structurally 3D perovskites. Through 
these field-effect transistor measurements, as well as temper-
ature-dependent transient current measurements, we provide 
a direct correlation between charge-carrier transport and ionic 
transport via grain boundaries.
2. Results and Discussion
2.1. Phase Purity and Grain Size
Cs2AgBiBr6 thin films were synthesized by solution processing, 
as detailed in the Experimental Section. To tune the grain size, 
the concentration of the precursor solution was adjusted to 
0.3, 0.4, and 0.5 mol L−1 (m). The phase purity of the films was 
determined through X-ray diffraction (XRD) measurements 
(Figure  1a). The larger peak intensity for the higher concen-
tration films was due to increased film thickness. Only peaks 
due to the double perovskite phase were present. In particular, 
the common impurity peak at 8.95° for Cs3Bi2Br9 was absent,[3] 
and we have previously verified that any phase impurities in 
the film would be detectable by 1D linescan measurements.[28] 
The full width at half maximum (FWHM) of the XRD peaks 
decreased for films grown from higher concentration solutions, 
implying an increase in crystallite size (Figure 1b,c). The crys-
tallite sizes obtained by fitting the XRD peaks were 72 ± 7 nm 
(0.3 m), 98 ± 7 nm (0.4 m), and 113 ± 3 nm (0.5 m), as shown 
in Figure 1c (details in the Supporting Information). Consistent 
with these XRD results, we found from top-down scanning 
electron microscopy (SEM) images that the apparent grain size 
increased from 160 ± 10  nm (0.3 m) to 200 ± 20  nm (0.4 m) 
and 370 ± 40 nm (0.5 m), as shown in Figure 1d–f. The meas-
ured apparent grain sizes are slightly larger than the film thick-
nesses from profilometry, which are 118 ± 4 nm (0.3 m), 160 ± 
3 nm (0.4 m), and 242 ± 6 nm (0.5 m). From cross-sectional SEM 
images (Figure S1, Supporting Information), there is one grain 
throughout the thickness of the film, which is consistent with 
the typical growth of halide perovskites from solution.[29] The 
differences between the crystallite and microfeature sizes found 
from XRD versus SEM measurements may have been due to 
the microfeatures in SEM being composed of several crystal-
lites, because of a variation in grain size and the narrower XRD 
peaks from the larger grains being hidden behind the broader 
peaks from the smaller grains, or because the XRD peaks were 
broadened due to other factors, such as stacking faults. To avoid 
ambiguity, we hereafter refer to the films based on the con-
centration of the precursor solution they were deposited from 
(rather than their XRD or SEM grain/microfeature size).
2.2. Charge-Carrier Recombination
In Figure 2a, we show the absorbance of the films measured by 
ultraviolet–visible (UV–vis) spectrophotometry. As expected, the 
absorbance increased with increasing film thickness. In photo-
voltaic devices, carrier extraction depends on the drift and dif-
fusion lengths, and the two key components in this regard are 
the charge-carrier lifetime and mobility. Transient absorption 
spectroscopy (TAS) was used to measure the charge-carrier life-
time of the films, which were excited with a 355 nm wavelength 
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pump laser incident on the top surface of the films. We found 
two ground state bleach (GSB) and two photo-induced absorp-
tion (PIA) features in the TAS spectra (Figure  2b). The GSB 
peak below 380 nm wavelength is ascribed to a localized state 
well above the conduction band minimum.[30,31] However, the 
explanation for the GSB peak at ≈440 nm wavelength has been 
the subject of controversy. Some previous studies attributed 
this peak to a resonant exciton associated with the first direct 
transition of Cs2AgBiBr6.[15,31,32] There are also calculations 
showing that this peak could be due to a narrow distribution 
of states with a direct transition above the indirect band-edges 
and which have high oscillator strength.[28] Consistent with the 
GSB peak at 440 nm being due to excitons, the two PIA signals 
on either side of the main GSB peak (440  nm) are attributed 
to the broadening of the direct exciton transition introduced 
by carrier-exciton scattering.[31,33] The origins of these GSB and 
PIA peaks are beyond the scope of this work, and we do not 
discuss them further here. However, in either cases, the decay 
of carriers from states at the first direct transition or the decay 
of excitons provide important information on nonradiative 
recombination processes, and a comparison can be made 
between different samples of the nonradiative recombina-
tion rate based on these GSB kinetics. We did not observe any 
GSB at wavelengths longer than 550 nm. We attribute this to a 
Figure 1. a) XRD patterns of Cs2AgBiBr6 films grown from three different precursor concentrations. The reference pattern is calculated from its crystal-
lographic information file, obtained from ref. [3]. b) Close-up of the (022) peak for the Cs2AgBiBr6 films from (a). c) Comparison of the full width at half 
maximum (FWHM) of the (022) peak with the grain size calculated from the Scherrer equation (Table S1, Supporting Information). Scanning electron 
microscopy images of Cs2AgBiBr6 thin films grown from precursor solutions with concentrations of d) 0.3 m, e) 0.4 m, and f) 0.5 m. The thickness of 
the 0.3, 0.4, and 0.5 m thin films were 118 ± 4, 160 ± 3 nm, and 242 ± 6 nm, respectively.
Figure 2. Absorption measurements and kinetics of Cs2AgBiBr6 thin films grown from three different precursor solution concentrations. a) Steady-
state absorbance of the thin films grown on glass. b) ΔT/T spectra for the integrated time range of 1–10 ns. c) Normalized kinetics of the ground state 
bleach (GSB). The ΔT/T values were integrated over the wavelength range of 437–442 nm. The excitation wavelength was 355 nm for laser pulses with 
a pulse length less than 1 ns at a repetition rate of 1 kHz and fluence of 50 µJ cm−2 pulse−1.
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combination of two effects: i) the weak absorption at the indi-
rect bandgap (as seen in the steady-state spectra in Figure 2a) 
and ii) the neighboring PIA peak covering any weak GSB that 
may exist here.
Irrespective of the intrinsic nature of the sharp bleach peak 
at ≈440 nm wavelength, it clearly shows the repopulation of the 
ground state with time after the absorption of the femtosecond 
pump laser. We integrated the GSB over the wavelength range 
of 437–442 nm to characterize the carrier lifetime because this 
peak has high intensity and a high signal-to-noise ratio. While 
the GSB kinetics could be fit with a drift-diffusion model to 
determine the charge-carrier lifetime and surface recombina-
tion velocity,[29] this requires a large number of variables to be 
fit to a single kinetics curve, and it cannot be guaranteed that 
the fit obtained is the global minimum rather than one of the 
local minima. We therefore fit the data with a bi-exponential 
function, which, while not necessarily being physically-relevant, 
provides a numerical comparison between the GSB kinetics of 
different samples (Figure 2c). For the 0.3, 0.4, and 0.5 m films, 
the time constants of the short-lived components of the bi-expo-
nential function are 14 ± 1, 22 ± 1, and 59 ± 1 ns, respectively, 
and long-lived components are 210 ± 30, 330 ± 30, and 1000 ± 
100 ns, respectively (Table S2, Supporting Information). Due to 
the indirect nature of its bandgap and thus the low photolumi-
nescence quantum efficiency (PLQE), most carriers recombine 
nonradiatively.[8] We attribute the fast component to the trap-
ping of one carrier and the slow component to the subsequent 
nonradiative recombination process, which would happen if 
traps are shallow.[34]
An alternative explanation for the change in GSB kinetics is 
the difference in film thicknesses across the films from 120 nm 
(0.3 m) to 240 nm (0.5 m) leading to different degrees of contri-
bution from surface recombination to the overall GSB kinetics 
measured. However, the absorption coefficient of the film at 
the TA excitation wavelength (355  nm) is 2 × 105 cm−1, and 
therefore the absorption depth is 50 nm. The out-of-plane elec-
tron diffusion length in Cs2AgBiBr6 thin film is reported to be 
around 20–30 nm.[19] Carriers are therefore unlikely to diffuse 
to the back surface and recombine rapidly there. In addition, 
when we excited the films from the back (i.e., glass substrate 
side), we found that the kinetics had the same decay profile (as 
compared to excitation from the film side), and the change in 
kinetics with film thickness follows the same trend (Figure S2, 
Supporting Information). Overall, these analyses show that 
the change in GSB kinetics are due to changes in the bulk car-
rier lifetime of the films as the grain size changed with film 
thickness.
The TAS measurements performed above and by others only 
give carrier kinetics spatially averaged over the measurement 
spot, which has a diameter of 1.6  mm. To move beyond spa-
tially-averaged metrics and directly compare the optoelectronic 
properties of the grain boundary and interior, we used CL 
hyperspectral mapping, which takes place inside an SEM and 
provides spatial resolution beyond the optical limit. CL results 
from the radiative recombination of excess electrons and holes 
generated by the incident electron beam (e-beam), with the lat-
eral resolution depending on the beam electron energy (which 
controls the interaction volume) and the carrier diffusion 
length. The acceleration voltage used in this study was 3  kV, 
corresponding to a penetration depth of 67  nm according to 
Monte Carlo simulations using Monte Carlo Casino (Figure S3, 
Supporting Information).[35] Thus, the interaction volume size 
in CL is significantly smaller than in confocal PL,[36] providing 
sufficient spatial resolution to differentiate between the grain 
boundary and interior.
We were able to compare the CL intensity of the perov-
skite peak with the secondary electron (SE) image by fitting 
a Gaussian function to the halide double perovskite signal in 
each pixel of the map and extracting the fitted intensity using 
the HyperSpy Python Library, which is given in ref. [37]. By 
superimposing the perovskite CL peak intensity map on the SE 
image, we found a distinct difference between the CL intensity 
at grain boundaries versus grain interiors. For all three sam-
ples, we found that the grain interior shows a much higher CL 
emission intensity than the grain boundary (Figure  3). This 
observation suggests that grain boundaries act as the main 
nonradiative recombination sites in the investigated samples. 
This may be due to disorder or dangling bonds at the grain 
boundary, but could also be due to the accumulation of point 
defects adjacent to the grain boundary, and is consistent with 
Figure 3. Fitted cathodoluminescence intensity maps overlaid on the secondary electron microscopy images of the Cs2AgBiBr6 double perovskite thin 
films grown from precursor solutions with the concentrations a) 0.3 m, b) 0.4 m, and c) 0.5 m. All scale bars are 200 nm. All three measurements were 
performed with an acceleration energy of 3 keV and a beam current of 500 pA. Note that different acquisition times were used for different CL maps. 
A comparison of the CL intensity, corrected for the different acquisition times, of the grain interiors between different samples is given in Figure S4 
(Supporting Information).
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the GSB kinetics becoming slower with a reduction in the grain 
boundary density. The origin of luminescence in CL is attrib-
uted to be the same as in PL, that is, due to sub-bandgap state 
emission.[16] These measurements are consistent with the PL 
intensity from the film increasing with grain size, as we show 
in Figure S4a (Supporting Information). We verified that these 
changes in PL intensity were due to a reduction in the grain 
boundary density by comparing the CL intensity (corrected 
for acquisition time, i.e., given in counts s−1) in the interior of 
the grains and finding there to not be a monotonic trend with 
grain size (Figure S4b, Supporting Information). These results 
suggest that nonradiative recombination within each grain 
depends on the local defect density, whereas the PL intensity, 
measured on a millimeter scale, is dominated by nonradiative 
recombination at grain boundaries.
We have additionally measured a series of spectra recorded 
at the same point to address variations in CL emission intensity 
with the amount of exposure to the electron beam. Lead-halide 
perovskites are known to be highly beam sensitive, potentially 
leading to alterations in both the emission wavelength and 
emission intensity under the electron beam which could have 
influenced our measurements. We found that all samples show 
a degradation in the luminescence intensity with increasing 
excitation time, but the onset of this degradation was at least 
an order of magnitude larger than the pixel dwell time used in 
the hyperspectral images (Figure S5, Supporting Information). 
It is thus unlikely that our measurements have been strongly 
affected by these effects. No change in the emission energy 
with excitation time was observed for any of the samples. We 
further note that morphology can also influence the CL signal. 
In troughs, such as grain boundaries, the increased scatter of 
electrons leads to increased electron–hole pair generation and 
therefore a larger CL signal.[38,39] But in our case, it is evident 
from Figure  3 that these morphological effects are negligible 
compared to the effects of nonradiative recombination, since 
grain boundaries are consistently darker than the interior of the 
grains.
2.3. Charge-Carrier and Ion Transport
FETs (bottom gate, bottom contact) were fabricated by spin-
coating the specific concentration of perovskite on top of litho-
graphically patterned Au source and drain electrodes. Currently 
in the broader literature, the demonstration of perovskite FETs 
has been difficult due to significant ionic defect migration, 
which screens the gate potential. To the authors’ knowledge, 
this work represents the first report of FETs from halide double 
perovskites. Interestingly, FETs fabricated from these double 
perovskites exhibit room temperature (RT) p-type field effect 
transport (accumulation and switch-on occur for negative gate 
biases), with current modulation in the range of 103 (Figure 4a 
and Figures S6 and S7, Supporting Information). This is con-
sistent with the p-type character of the Cs2AgBiBr6 films 
previously found from X-ray photoemission spectroscopy meas-
urements.[8,28] p-type FETs are important for making CMOS 
complementary inverter circuits but have been generally more 
difficult to achieve than n-type FETs for perovskite semicon-
ductors.[40] Despite the “anti-clockwise” hysteresis in the device 
characteristics, it was possible to reliably extract a hole μFET   
from the forward scan plot which tend to be a more conserva-
tive estimate of mobility. The μFET values estimated from the 
linear fits to d
0.5I  versus Vg exhibit reliability factors in the range 
of 55%–79% (Figure S8, Supporting Information), which are 
comparable to other nonideal perovskite FETs.[41] Devices fabri-
cated with 0.3 m perovskite precursor solution exhibited a room-
temperature field effect mobility (μFET) of 1 × 10−4 cm2 V−1 s−1, 
which increased by around 6–15 times upon increasing the 
precursor concentration to 0.5 m. It should be noted that 
although it was possible to observe field effect modulation at 
room temperature, the transfer characteristics exhibit fea-
tures that are non-ideal, and further optimization is essential 
to achieve near-ideal transistor characteristics. Similarly, the 
output characteristics measured from these FETs exhibit clear 
signatures of ionic migration without a clean saturation regime 
(detailed discussion is provided in Section S4, Supporting 
Information). The observed nonideal transistor characteris-
tics complicate the understanding of the underlying transport 
physics. However, we have been able to mitigate the possible 
factors to an extent such that meaningful μFET(T) behavior can 
be observed (Figure 4b), and the mobilities extracted from the 
forward and reverse sweeps differ only by 12%. In typical 3D 
perovskite FETs fabricated from MAPbI3, a negative coeffi-
cient of mobility with temperature is observed, since the ionic 
screening of gate potential decreases with a decrease in temper-
ature.[42] However, in the case of these double-perovskite-based 
Figure 4. a) Transfer curves of Cs2AgBiBr6 thin films grown from precursor solutions with 0.3, 0.4, and 0.5 m concentrations. The measurements were 
conducted on bottom contact bottom gate field-effect transistors at 300 K (FETs with L = 20 µm, W = 1 mm), Vd = −60 V. b) Temperature-dependent 
FET mobility and c) dielectric loss for Cs2AgBiBr6 thin films grown from three different concentrations.
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FETs, we observed a transition from a positive coefficient of 
mobility to negative coefficient of mobility as temperature 
increased for devices fabricated with perovskite precursor con-
centrations of 0.3 and 0.4 m. As the grain size increased, we 
observed a positive coefficient of field-effect mobility, which is 
typical of a thermally activated hopping mechanism of trans-
port.[43] These μFET(T) trends are indicative of the fact that upon 
increasing the grain size it is possible to observe a transport 
regime where the ionic screening of the gate potential can be 
minimized to an extent such that a hopping mechanism of 
transport, which is likely intrinsic to the material, is observed.
To verify our proposal that the negative coefficient of mobility 
in double perovskite films with small- and medium-sized 
grains in the high temperature regime is due to the stronger 
screening effect induced by ion motion, we estimated the ionic 
conductivity in the perovskite films through impedance meas-
urements on perovskite devices with the capacitor structure: 
ITO/Au/Cs2AgBiBr6/Au. The dielectric loss spectroscopy meas-
urements showed that perovskite devices fabricated with 0.3 m 
precursor concentration had a significantly higher ionic con-
ductivity, which then decreased by an order of magnitude as the 
precursor concentration increased to 0.5 m (Figure 4c).
To further verify if ionic transport increases with grain 
boundary density, we conducted temperature-dependent tran-
sient current measurements. For these measurements, we 
used hole-only devices due to the aforementioned p-type char-
acter of the films. Mobile ions in perovskites with an electric 
field applied can migrate to the contact layers.[44,45] In a typ-
ical MAPbI3 perovskite, when applying a bias, halide anions 
migrate to the anode (where holes are being injected), while 
MA+ cations migrate to the cathode (where electrons are being 
injected).[46]
We noticed that there is a temporal increase in the hole 
current density in all three films (Figure 5a–c). The increase 
in current is due to enhanced hole injection by the accumu-
lation of anions at the anode interface,[46] most likely Br−, as 
bromide vacancies (VBr) have been calculated to be the lowest 
formation energy donor defects in Cs2AgBiBr6.[47] This agrees 
with calculations showing that VBr has the lowest activation 
energy for vacancy-assisted diffusion among the four con-
stituent vacancies.[11] In principle, hole transport should also 
be impeded by the screening effect (accumulation of ions on 
the gate interface) which will lead to a current decay. How-
ever, the enhanced hole injection at the anode interface due to 
ion migration plays a dominant role, so we mainly observed 
a slow current rise.[46] It was observed that the stabilized cur-
rent decreased with higher precursor concentrations (i.e., 
increased film thickness). The temperature dependence in all 
three films further confirms that the transient increase in cur-
rent is due to the drift of mobile ions, which are arrested at 
lower temperatures. We notice that the transient current has 
two components: a faster component (exponential rise) and a 
slower component (nearly linear rise). We attribute the faster 
component to Br− motion to the anode followed by facilitated 
hole injection and the slower component to the drift of other 
heavy ions (both cation and anion, which is difficult to dis-
tinguish). An increase in grain boundary density led to an 
increase in the exponential growth component of the transient 
Figure 5. Temperature-dependent transient current measurements of hole-only devices with Cs2AgBiBr6 thin films deposited from precursor solutions 
with a) 0.3 m, b) 0.4 m, and c) 0.5 m concentration. The device structure was ITO/NiOx/Cs2AgBiBr6/PTAA/Au (pulse voltage = 3.0 V, reference voltage = 
0 V, frequency = 4 Hz, and pulse width = 50 ms). d) Arrhenius plots of the temperature dependence of the natural logarithm of K against the inverse 
of kBT. Note K in the vertical axis is the decay rate (s−1), as obtained from Equation (2). The activation energy for ion migration (Ea) was extracted by 
linear fitting.
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current due to excess Br− motion. To extract the activation 
energy of the ion motion, we fit the faster current response 







 +  (1)
The fitting parameters are summarized in Tables S3–S5 
(Supporting Information). When the temperature is high and 
the concentration of films low, the model’s fit converged. How-
ever, at low temperatures and higher concentration films, espe-
cially the 0.5 m film, the fittings did not converge. This is due to 
the heavily impeded exponential growth and the almost linear 
increase in current (Figure 5c). Therefore, we cannot extract a 
time constant from low temperatures in the 0.4 m film and all 
curves in the 0.5 m film.
To extract the ion motion activation energy, we fit the avail-











In Equation (2), K is the rate at which the current increases in 
the initial faster part of the transient current response, τ is the 
time constant from Equation (1), σ is ionic conductivity, C is a 
constant coefficient, Ea is the activation energy for ion migration, 
kB is the Boltzmann constant, and T is temperature. To extract 
the activation energy, we conducted linear fits to ln(K) versus 
(kBT)−1 (Figure  5d). The slopes of the linear fit give the nega-
tive of the activation energy. Due to the diminished exponential 
growth component discussed above, we were only able to extract 
the activation energy for the 0.3 and 0.4 m films (the latter using 
only the four highest temperature curves). The low temperature 
data points for the 0.3 m film deviate more from the fitted trend 
line due to the uncertainties in fitting the nearly-linear initial 
current transients. The data from the 0.5 m film did not fit to 
an exponential decay model, and this agrees with an increase 
in the activation energy barrier for ion migration. The activa-
tion energies in the other two films (0.17 ± 0.04 eV  for 0.3 m; 
0.21 ± 0.05  eV  for 0.4 m) are consistent with the analysis that 
ionic transport through grain boundaries and therefore ionic 
diffusion is prominent in films grown from lower concentra-
tion precursor solutions (with higher densities of grain bounda-
ries). In contrast, Cs2AgBiBr6 single crystals have been reported 
to have an activation energy of 0.348 eV,[11] suggesting that ion 
migration in Cs2AgBiBr6 single crystals is indeed more diffi-
cult. It is noted that while the film thickness changes across the 
three different samples, the resulting changes in the internal 
electric field would not influence the values of the activation 
energy barriers obtained. This is because the activation energy 
barrier is determined from an Arrhenius plot that depends 
on the change in time constant with temperature in each film 
(slope of ln(1/τ) against 1/kBT), instead of the absolute value of 
the time constant itself. Another way of looking at this is that 
the activation energy barrier is primarily affected by the local 
environment the ions are in,[48,49] and changes in the internal 
electric field by a factor of two would not influence the mecha-
nism of ion migration. The changes in activation energy would 
therefore reflect the effects of a change in grain boundary 
density. Therefore, we conclude that grain boundaries are the 
main channels for ion movement in Cs2AgBiBr6 thin films.
Finally, we note that up to now, most works investigating 
carrier transport in halide double perovskites have used spec-
troscopy-based techniques, such as time resolved microwave 
conductivity (TRMC) and time resolved terahertz spectroscopy 
(TRTS).[13,14,50] By achieving halide double perovskite FETs 
with reasonable current modulation at room temperature, we 
provide important insights into the macroscopic carrier trans-
port mechanisms of thin films that account for the effects of 
point and extended defects. This information is complemen-
tary to that obtained from spectroscopy-based methods, which 
measure the local mobility of photoexcited carriers. Beyond 
providing insights into the role of grain boundaries on the ion 
migration dynamics, as discussed above, the FET measure-
ments also show carrier transport to be intrinsically limited by 
a thermally activated hopping-based mechanism,[51,52] in which 
the field-effect mobility increases as a function of temperature 
once the effects of gate screening by ionic defects is minimized 
(Figure  4b). In contrast, previous TRMC measurements have 
suggested carrier transport in Cs2AgBiBr6 and related materials 
to be band-like, in which mobility decreases with increasing 
temperature.[13,14] Further work is needed to resolve these differ-
ences between local and macroscopic electronic measurements 
of carrier transport, which could be influenced by the point 
defects that accumulate at grain boundaries (through direct car-
rier trapping,[20] or through self-trapping due to the influence 
of the defects on the interactions between carriers and acoustic 
phonons),[33,53,54] or due to the inherent energetic disorder in 
the material. FET measurements of double perovskites could 
play an important role in shedding light on the underlying 
mechanisms for this thermally activated hopping behavior.
3. Conclusions
In summary, by tuning the grain size, we achieved a direct 
evaluation of the effect of grain boundary density on charge-
carrier and ion transport in Cs2AgBiBr6 thin films. We found 
that grain boundaries are the dominant nonradiative recombi-
nation sites and also act as the main channel for ion migra-
tion. Furthermore, by developing the first p-type halide double 
perovskite FET, we gained new insights into carrier transport 
and ion migration over the bulk film. While previous spec-
troscopy measurements have suggested band-like transport in 
Cs2AgBiBr6, these FET measurements showed carrier trans-
port to be intrinsically limited by a thermally activated hopping 
mechanism, which helps to explain the low mobilities found in 
Cs2AgBiBr6. Taken together, these results reveal grain bounda-
ries to be one of the major causes of the discrepancy between 
the promising optoelectronic properties reported in single crys-
tals and the more limited performance achieved in Cs2AgBiBr6  
thin films. Our work therefore shows how grain boundaries 
could mask the true potential of new compounds and the 
importance of addressing the effects of grain boundaries in the 
exploration of new compounds in thin film devices to prevent 
false negatives, which could be achieved using the systematic 
characterization approach we develop in this work. Addressing 
the role of defects at grain boundaries, such as through 
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passivation, will be essential for the further development of the 
halide double perovskite family in efficient thin film devices, 
including solar cells, photoelectrochemical cells and radiation 
detectors.
4. Experimental Section
Synthesis of Cs2AgBiBr6 Thin Films: 1.5  mmol CsBr (99.9%, Sigma 
Aldrich), 0.75  mmol AgBr (99.998%, Alfa Aesar), and 0.75  mmol BiBr3 
(99.998%, Sigma Aldrich) were dissolved in 1.5 mL anhydrous dimethyl 
sulfoxide (DMSO; 99.9%, Sigma Aldrich) and mixed at 700  rpm at RT 
inside a N2 glovebox for an hour to form the 0.5  mol L−1 Cs2AgBiBr6 
solution. The solution was then filtered by 0.2  µm PTFE membranes 
(Sigma Aldrich). 0.5 mL Cs2AgSbBr6 solution was mixed with 0.125 mL 
DMSO to form the 0.4  mol L−1 Cs2AgBiBr6 solution. Another 0.5  mL 
Cs2AgSbBr6 solution was mixed with 0.333  mL DMSO to form the 
0.3  mol L−1 Cs2AgBiBr6 solution. 12  mm × 12  mm glass substrates 
were cleaned by ultrasonication in acetone and isopropanol for 15 min 
sequentially, followed by 10 min O2 plasma cleaning at 300 W (forward 
power) in a radio frequency (RF) plasma system. The substrates 
were subsequently taken into a N2 glovebox and preheated to 75  °C. 
Precursor solutions were preheated to 75  °C. To deposit the films, the 
substrate was placed onto a vacuum-free chuck, and 60 µL solution was 
immediately dropped onto the substrate, before spinning at 4500  rpm 
for 45 s. Substrates were then annealed at 250 °C for 5 min. The spin-
coating and annealing process were undertaken in the N2 glovebox.
Thin Film Transistor Device Fabrication: For the transistor fabrication, 
lithographically patterned Cr/Au source drain electrodes were obtained 
on Si/SiO2 substrates. This was followed by introducing the perovskite 
layer with varied concentration which allowed variation in the perovskite 
grain size.
Measurement and Characterization: XRD was carried out on films 
with glass substrates in air at room temperature with a B3 Bruker D8 
DAVINCI instrument employing Cu Kα radiation.
SEM images were obtained with LEO 1530 VP instrument. Before 
taking SEM images, films were sputtered with Au/Pd source for 7 s at 
65 mA using the Emitech sputter coater. Film thickness was measured 
by Dektak profilometry.
The absorbance of the Cs2AgBiBr6 thin film on glass was measured 
using a Shimadzu UV-3600 Plus spectrometer. The instrument was 
calibrated to 0% and 100% reflectance/transmittance prior to measuring 
the sample. The measurements were taken with an interval of 5 nm.
For transient absorption measurements, the third harmonic of a 
Nd:YVO4 laser system (Picolo-AOT-MOPA 25, InnoLas) at 355 nm with 
electronically controlled delay was used as pump. For the probe beam, 
the output of a Ti:sapphire amplifier system (Spectra Physics Solstice 
Ace) operating at 1 kHz and generating ≈100 fs pulses was sent into a 
mechanical delay stage (Thorlabs DDS300-E/M). The ultraviolet–visible 
broadband probe beam (330–700  nm) was generated by focusing the 
800 nm fundamental beam onto a CaF2 crystal (Eksma Optics, 5 mm) 
connected to a digital motion controller (Mercury C-863 DC Motor 
Controller) after passing through the mechanical delay stage. The 
transmitted pulses were collected with a monochrome line scan camera 
(JAI SW-4000M-PMCL, spectrograph: Andor Shamrock SR-163) with 
collected data fed straight into the computer.
CL measurements were performed in an Attolight Allalin 4027 
Chronos SEM-CL system at RT. Measurements were taken using a 
beam current of 500 pA and an acceleration voltage of 3  kV which 
corresponds to 90% of the beam energy being deposited in a depth 
of 67 nm according to simulations using Monte Carlo Casino software 
(Figure S3, Supporting Information).[35] The CL hyperspectral maps were 
analyzed using Hyperspy.
TFT Device Characterization: All the devices were characterized using 
an Agilent 4155B parameter analyzer operated in pulsed mode. In the 
pulsed mode of operation, for the transfer (output) measurement,  Vg 
(Vd) was applied over a short impulse of 0.5  ms. The temperature-
dependent transport measurements were performed using a Desert 
Cryogenics low-temperature probe station.
Impedance Spectroscopy: For the impedance measurement, vertical 
sandwich devices were fabricated with patterned ITO/Au bottom 
electrode and shadow mask-patterned top Au electrode. Perovskite films 
were introduced using similar technique as used for FET fabrication. 
Impedance measurement was performed using Keithley 4200 SCS with 
a AC voltage of 10  mV while the frequency was varied from 1  kHz to 
10 MHz.
In the transient current measurements, a pulse voltage generated by 
a function generator (Hewlett Packard 8116A) was applied to the hole-
only device (ITO/NiOx/Cs2AgBiBr6/PTAA/Au). The device was connected 
in series with a resistor (300 Ω). The voltage across the resistor was 
measured with an oscilloscope (RS PRO RSDS1304CFL) to monitor the 
current density kinetics. The samples were mounted in a Desert TTP4 
Probe Station for temperature-dependent studies in the range of 230–
300 K. The samples were cooled using liquid nitrogen while kept under a 
vacuum of 10−6 mbar.
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Supporting Information is available from the Wiley Online Library or 
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